a Cation diffusion was investigated in La 0.6 Sr 0.4 CoO 3Àd (LSC) thin films on (100) yttria stabilized zirconia in the temperature range 625-800 1C. Isotopic ( 86 Sr) and elemental tracers (Fe, Sm) were used to establish diffusion profiles of the cations in bi-and multi-layered thin films. The profiles were analyzed by time of flight-secondary ion mass spectrometry (ToF-SIMS). Grain and grain boundary diffusion coefficients of the cations were determined for LSC thin films with columnar grains -diffusion along grain boundaries is shown to be about three orders of magnitude faster than in grains. This could be verified for thin films with different grain size.
Introduction
Mixed ionic and electronic conducting (MIEC) perovskite-type oxides are attractive cathode materials for solid oxide fuel cell (SOFC) applications. A number of these MIEC oxides exhibit high catalytic activity for oxygen reduction and high oxide ion conductivity and thus they are especially of interest for intermediate SOFC operation temperatures (below 700 1C).
1-3 Under these operation conditions MIEC oxides are usually considered to consist of immobile cation lattices with mobile oxide ions. However, although oxygen mobility is indeed many orders of magnitude higher, cation mobility cannot be neglected even at these moderate temperatures. This can be concluded, for example, from changes in surface termination of (La,Sr)(Cr,Mn)O 3Àd 4 and degradation phenomena involving segregation of cation species, for example Sr segregation on (La,Sr)CoO 3Àd surfaces [5] [6] [7] [8] well below 700 1C. On the other hand, experiments directly probing the cation mobility and measuring diffusion coefficients of cations are mostly restricted to temperatures of 900-1500 1C. [9] [10] [11] [12] [13] [14] [15] [16] [17] [18] [19] [20] [21] Typically, in these studies on bulk samples Arrhenius-type temperature dependencies of the cation diffusion coefficients are observed with activation energies in the range 2-4 eV. Several types of experiments can be employed to determine the diffusion coefficients of cations in perovskite-type oxides. One technique uses two polished bulk samples (often called diffusion couples), which are brought into contact and are then heated to high temperatures. At these temperatures, the kinetics of a solid state reaction [9] [10] [11] forming a third phase at the interface, or diffusion profiles of one or more species crossing the phase boundary 12, 13, 22 can be investigated. Other experiments use only one polished bulk sample and fabricate a thin tracer source on top, either by applying a solution that is later dried, [14] [15] [16] [17] [18] [19] [20] by pulsed laser deposition, 23 or by ion implantation. 21 Cation diffusion profiles are subsequently generated by annealing for a certain time at constant temperature. In all cases the resulting cation distribution is analyzed by either secondary ion mass spectrometry (SIMS), by electron microscopy and energy dispersive X-ray spectroscopy (EDX), or via the radiation emitted from radioactive tracer isotopes.
The diffusion lengths in all these experiments have to be considerably longer than the roughness of the sample surfaces and interfaces and the depth sensitivity of the detection method. Often, diffusion lengths in the range of several 100 nm to 50 mm are aspired, which is the reason for usually choosing high temperatures in such diffusion experiments. In order to determine diffusion coefficients at lower temperatures it is necessary to measure very short diffusion profiles with high accuracy. For example, this is possible by depth profiling with time of flight-secondary mass spectrometry (ToF-SIMS) and requires a very good quality of surfaces and interfaces. Thin films grown by pulsed laser deposition (PLD) on epi-polished single crystalline substrates can help obtaining such smooth surfaces and interfaces. 24 Depositing two or more of these layers on top of one another yields high quality ''thin film diffusion couples''. Owing to the small diffusion lengths which can be investigated in such samples, cation diffusion may be studied at lower temperatures than with conventional samples. Sr isotope-enriched (Trace Sciences, Canada). Pulsed laser deposition (PLD) targets were produced by isostatic pressing (5.2 kbar, 2 min) and sintering (1150 1C, 12 h). As very slight deviations in composition (B1-2%) were observed between an LSC target and a PLD thin film deposited from the target, 27 powder compositions were optimized such that the thin films had the desired stoichiometry. Three different powder compositions were prepared, one to obtain thin films of the natural isotope composition La 0.6 Sr 0. 4 were deposited. A rotatable 3-target-holder allowed changing targets during deposition. In this way several bi-and multilayers of LSC and LSC + tracer were deposited for the subsequent diffusion experiments. In Fig. 1 , a sketch of the sample geometries is given. Symmetric 3-and 4-layered structures as shown in Fig. 1a with different layer sequence and thickness were used to investigate the existence of any depth dependence of the diffusion coefficients in a 200 nm LSC film. Bilayers of the sequence YSZ|LSC|LSC + tracer and of B100-200 nm layer thickness as shown in Fig. 1b were used to quantify the tracer diffusion coefficients. After deposition, 10 Â 10 Â 0.5 mm 3 samples were scratched with a diamond on the substrate-side and fractured into 3-4 pieces of B3 Â 10 Â 0.5 mm
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. One of these samples was kept as a reference and the others were annealed for a certain temperature (625-800 1C) and time (10-250 h) in air in a chamber furnace to generate cation diffusion profiles in the LSC multilayers.
Sample characterization
Phase purity of PLD targets was investigated by X-ray Diffraction (XRD) in Bragg-Brentano geometry (X'Pert PRO diffractometer PW 3050/60, PANalytical). For thin films, XRD measurements were performed in parallel beam geometry on a D8-Discover instrument (Bruker AXS) which was equipped with a General Area Detection Diffraction System (GADDS). Information along the theta axis and the chi axis (tilted grains) could be obtained at the same time. For the thin film analysis, the samples were precisely positioned by aligning the polished (100) YSZ-plane parallel to the sample holder. Thin film diffraction patterns were obtained at an accelerating voltage of 45 kV and a measuring time of 200 s per frame and a step size of 0.21 2Theta per frame. The thin films were further investigated by optical microscopy and scanning electron microscopy (SEM) to ensure that the samples had a smooth surface with no cracks. The thin film thickness was determined from SIMS measurements using the sputter coefficient of LSC to convert sputter times and currents into depths. These film thickness measurements were referenced by digital holography microscopy (DHM, Lyncée Tec, Switzerland) of SIMS craters and SEM cross-section images of fractured substrates with thin films. The microstructure across 200 nm LSC thin films was analyzed by transmission electron microscopy (TEM) imaging and diffraction (FEI TECNAI F20). The surface roughness before and after thermal annealing was investigated by atomic force microscopy (AFM, Nanoscope V Multimode, Bruker, Germany).
SIMS depth profiling
Diffusion profiles were analyzed by ToF-SIMS measurements, performed on a TOF.SIMS 5 (ION-TOF, Germany) instrument. 25 keV Bi 5 + clusters were used in high current bunched mode, allowing optimal mass resolution. Areas of 100 Â 100 mm 2 were investigated using a raster of 512 Â 512 measured points. Positive secondary ions and clusters were analyzed up to mass 317 and secondary ion intensities of all relevant isotopes and clusters were analyzed simultaneously. For depth-profiling, 2 keV O 2 + ions (500 Â 500 mm 2 , ca. 600 nA) were used for sequential ablation of the surface between measuring mass spectra -resulting in average depth steps of ca. 1.5 nm. A low energy electron flood gun (20 eV) was employed for charge compensation.
Results and discussion

Sample characterization
Very similar diffraction patterns indicating a pseudo-cubic perovskite phase were observed for all target materials (LSC, L 86 SC, LSC-T10), and are exemplarily shown in Fig. 2 ) is shown for comparison and corresponds well to the measured diffraction patterns. Pseudo-cubic lattice parameters of a = 0.3835 AE 0.0001 nm were extracted for all targets.
The PLD thin films were investigated by Theta-2Theta scans and only pseudo-cubic reflexes were observed. Lattice parameters were extracted for LSC-LT and LSC-HT thin films from analyzing four strong reflexes each, yielding 0.3826 AE 0.0006 nm for LSC-LT and 0.3830 AE 0.0003 nm for LSC-HT. Chi-scans at strong reflexes showed significant differences between LSC-LT and LSC-HT.
In Fig. 3 the diffraction patterns of LSC-LT and LSC-HT, integrated over the whole measured Chi and Theta range, are shown. Phase and lattice planes were assigned to all visible peaks in the range of 20-801 2Theta, except for the peaks close to the (400) YSZ reflex. These were largely overshadowed by the strong substrate peak, which impedes a clear phase and lattice plane assignment. A much higher intensity for most of the peaks of the LSC-HT thin film in comparison to the LSC-LT thin film was obtained due to the higher degree of crystallinity. This can even be better seen by the detector frames shown in Fig. 4a . 
Diffusion profiles measured by ToF-SIMS
majority isotopes, and not all isotopes as in the case of Sr, were analyzed. The normalization was performed by using correction factors (corr Co and corr La ) to account for the differences in atomic composition and the measured secondary ion signals.
The correction factors were determined to be corr Co The factor 1/0.1 reflects the tracer content of 10% and is used to normalize the value from 0.1 to 1 in LSC-T10 layers. These corrections are possible, because SIMS matrix effects affecting the secondary ion yields should not play a role in the chemically very similar layers LSC and LSC-T10. Therefore all count rates can be expected to be linear which is necessary for the corrections to be valid. The normalization step is possible as only relative values are necessary to determine diffusion coefficients, and was performed to allow the same fitting procedure for all cations. It has to be noted that only in the case of Sr, true tracer interdiffusion is analyzed, while for the other cations interdiffusion of Fe and Co, as well as Sm and La is studied. Cation interdiffusion coefficients are in general dependent on the concentration. In the investigated depth profiles, however, no indication of concentration dependent diffusion coefficients such as significantly asymmetric concentration profiles, or a shift in depth of the LSC|LSC + tracer interface with annealing time (Kirkendall effect) was observed within the accuracy of the experiment. Consequently, the interdiffusion coefficients of Fe(Co) and Co(Co,Fe) were described by only one diffusion coefficient, and the same was done for the interdiffusion coefficients of Sm(La) and La(La,Sm).
In Fig. 7 typical diffusion profiles before and after annealing are shown. Fig. 7a shows c Sr in alternating 4-layers of LSC and L 86 SC as sketched in Fig. 1a after different annealing steps. In Fig. 7b , the value of c Fe in a LSC|LSC-T10 bilayer as sketched in Fig. 1b is plotted before and after annealing. All profiles showed very sharp concentration steps after deposition (before annealing). The smoothening of this step due to annealing indicates that cation diffusion has occurred. The symmetry of the profiles in Fig. 7a indicates constant diffusion coefficients through the entire depth of the 200 nm LSC films. Microstructure or strain related variations of diffusion properties were thus largely negligible, which simplifies the quantitative analysis. Only very close to the YSZ interface (B10 nm) more pronounced diffusion was observed for similar samples with smaller layer thickness. This could be attributed to the higher grain boundary density in this area (see TEM results). However, the effects of this short zone at the YSZ interface on diffusion profiles in the main part of the 200 nm thick layers were negligible.
The surface quality of the thin films is crucial to verify that real diffusion profiles are measured. In ToF-SIMS depth profiling, an increase of the surface roughness (e.g. during the annealing step) would lead to blurred cation profiles that can easily be misinterpreted as diffusion profiles. The surface roughness of LSC bilayers was therefore investigated by AFM before and after annealing and values of R s B 2-4 nm (LSC-LT) films and R s B 4-6 nm (LSC-HT) indicate that no significant increase took place. Further, an adverse effect from an increase of surface roughness could be excluded by investigating the sharpness of the LSC|YSZ interface. As shown in Fig. 7b , after annealing a sample for 12 h at 750 1C the increase of the Zr + secondary ion signal at the LSC|YSZ is very sharp, even though a considerable profile is visible for c Fe in the same measurement.
Fitting procedure
The equation for analyzing depth profiles in order to determine the diffusion coefficient D* is given by Fick's second law:
For two finite layers of the initial constant concentrations c 1 = 0 and c 2 = c 0 and one-dimensional bulk diffusion in the x-direction the solution of eqn (5) leads to concentration depth profiles according to:
In this formula, h denotes the thickness of the tracer containing layer, l the film thickness, and t the time. The infinite sum is necessary to convert the analytical solution for semi-infinite media to a finite film, and several approaches for a solution are possible. 31 However, concentration profiles governed by this equation fail to reproduce the measured diffusion profiles. The most probable reason for this is the existence of different cation diffusion coefficients in grains and along grain boundaries. For analyzing grain and grain boundary diffusion in polycrystalline materials, a method introduced by Whipple 32 and Le Claire 33 is often used. There, a plot of the concentration vs. x 6/5 can yield the grain boundary diffusion coefficient. This method, however, is only valid for semi-infinite media, while in our case of thin films only numeric methods could be employed for fitting the tracer depth profiles. COMSOL Multiphysics 4.0a finite elements software was used to simulate cation diffusion in a 3D model resembling the sample geometry with columnar grains. A modified bricklayer model shown in Fig. 8 was established. The unit cell of the geometry (Fig. 8) , which consists of 1/4 grain with two half grain-boundaries on two adjacent sides, was considered in the simulations. The thickness of half a grain boundary was set to 1 nm, as a typical grain boundary thickness of B1-2 nm can be expected from literature values for similar oxides. 34, 35 The width of the 1/4 grain was chosen (16 nm for LSC-LT, 30 nm for LSC-HT) to match the grain sizes observed in TEM images of the thin films (B32 nm for LSC-LT and B60 nm for LSC-HT). The layer thickness of the different thin films (tracer/no tracer) was modeled according to the respective layer thicknesses derived via sputter time and sputter rates and currents from SIMS measurements of virgin bi-or multilayered samples. No grain boundary is expected or modeled at the LSC|LSC + tracer interface. Fick's second law (eqn (5)) was solved with different bulk and grain boundary diffusion coefficients. Examples of calculated 3D concentration distributions and diffusion profiles obtained by this method are shown in Fig. 9 .
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, and a diffusion time of 100 h is shown for the two different models (different grain sizes) used for LSC-LT (Fig. 9a) and LSC-HT (Fig. 9b) . Faster tracer exchange along the fast grain boundaries and exchange of tracer from the grain boundary into the grains (governed by the smaller grain diffusion coefficient) are visible. Depth profiles were calculated by integration in x-y planes and results are shown in Fig. 9c . The different effective diffusion lengths of the two models are only a consequence of the different grain size and grain boundary density.
The diffusion coefficients D gb and D g were varied manually until the calculated profiles fit the depth profiles recorded by ToF-SIMS. The latter ones were obtained by in-plane integration of the signals in the entire 100 Â 100 mm 2 area under investigation. Fig. 10 shows typical cation diffusion depth profiles of an LSC bilayer (LSC-T10|LSC|YSZ-substrate) after 12 h at 720 1C.
The normalized values of c Fe , c Sr and c Sm which were extracted from the measurements are shown together with the fitting curve from finite elements simulation. The model including grain and grain boundary diffusion describes the experimental data well. Also profiles of LSC bilayers prepared at high temperatures (LSC-HT) can be described by the model. This is exemplarily shown in Fig. 10d for cation diffusion after 40 h at 760 1C.
Temperature dependence and the mechanism of diffusion
In this work the temperature range of 625-800 1C was selected to investigate cation diffusion. The lower boundary is given by the extremely slow diffusion below 625 1C and the consequently long annealing times (several 100 h) necessary for creating evaluable depth profiles. The upper boundary is caused by the reactivity of LSC with YSZ at high temperatures. 6, 36 At temperatures above 800 1C and at diffusion times of several hours, the formation of a secondary phase of several nanometers thickness at the LSC|YSZ interface could be observed in ToF-SIMS depth profiles. This formation of a new phase distorts the tracer profiles and changes the thickness of the LSC phase, thus making an evaluation of D values impossible. Fig. 11 shows the Arrhenius-type diagram of the diffusion coefficients in grain boundaries and in grains for the different cations. One has to keep in mind that the diffusion coefficients denoted Fe/Co and Sm/La describe interdiffusion of cations in a diffusion couple. For Sr, the interdiffusion of isotopes is studied and consequently indeed a tracer diffusion coefficient is measured.
From these temperature dependencies of the diffusion coefficients a number of conclusions can be drawn: (i) within the accuracy of the data, each diffusion coefficient can be described by a single activation energy. A systematic deviation of the D values of LSC-LT from those of LSC-HT bilayers was not found. Different diffusion lengths were thus most probably only a consequence of the different grain sizes (60 nm and 32 nm, respectively), cf. Fig. 9. (ii) Grain boundary diffusion was found to be about 3 orders of magnitude faster than diffusion in grains. (iii) All three cations showed very similar activation View Article Online energies of B4.1 eV for grain boundaries and B3.5 eV for grains. The diffusion coefficients of all cations were found to be typically within one order of magnitude, and consequently the differences between the three cations were much smaller than the differences between the grain and grain boundary diffusion coefficients. Fe/Co showed the highest diffusion coefficients (grain and grain boundary). This is also visible in Fig. 10 and corresponds well to observations of kinetic demixing of cations reported for La 0.5 Sr 0.5 Co 1Àx Fe x O 3Àd oxygen permeable membranes, 37 which suggest Co/Fe to be the most mobile cations in LSC, LSCF, and LSF. The A-site cations Sr and Sm/La showed very similar D values. Fig. 12 displays a comparison of the data from this work with data reported in the literature for bulk samples of similar MIEC perovskite-type oxides. The activation energies observed in this study are similar to many values found in the literature. Also the similarity of activation energies for A-and B-site cation diffusion was repeatedly reported. 17, 20, 23, 38, 39 Concerning the absolute values of the diffusion coefficients, there seems to be large scatter in literature values. This might be caused not only by the different perovskite compositions which were investigated, but also by using different types of experiments (impurity diffusion/solid state reaction). Another factor might be that slight deviations from the nominal stoichiometry can have an influence on the concentration of A-site and B-site vacancies and thereby on the measured impurity diffusion coefficients. Because of the exceptionally low temperatures used in this study, values of the diffusion coefficients can only be compared with values extrapolated from literature data. Very similar bulk as well as grain boundary diffusion coefficients can be extrapolated from data for (Ba,Sr)(Co,Fe)O 3Àd . 23 The large difference in grain and grain boundary diffusion also matches with differences found on (La,Ca)CrO 3 , 15 or (La,Sr)CrO 3 40 at higher temperature.
The fact that similar activation energies were observed for all three cations and the differences of B4.1 eV for grain boundaries and B3.5 eV for grains need further discussion. The higher activation energies of the grain boundaries seem to be contradictory at first, as for the difference of ca. 10 3 in the absolute values of the diffusion coefficient rather a lower activation energy in grain boundaries would be expected. For the same pre-exponential factor at 700 1C, a 0.55 eV lower activation energy for grain boundaries would explain the 10 3 higher values of D. A possible explanation of the experimental results is a different formation enthalpy of cation defects in the measured temperature range in grains and grain boundaries. While the cation vacancy concentration in the grains could still be fixed by the stoichiometry (extrinsic) for the investigated temperature range, in grain boundaries the temperature might already be high enough for additional formation of cation vacancies (intrinsic). Under this assumption the activation of the mobility could be B3.5 eV in grains with almost no additional contribution from cation vacancy formation, while in grain boundaries the activation of the mobility is lower, but an additional contribution from cation vacancy formation increases the activation energy to the measured value of B4.1 eV. Also the fact that very similar activation energies for the different cations were measured seems to be very surprising when considering the perovskite lattice with respect to A-and B-site barrier heights. The A-site which is occupied by Sr and La(Sm) is twelvefold coordinated by oxygen and much bigger than the B-site, with six-fold octahedral coordination, occupied by Co(Fe). Besides that, the bond type with oxygen and local bond strengths are different for a transition metal on the B-site and a regular metal on the A-site. It would consequently be extremely improbable that a cation migrating from the A-site to an A-site-vacancy has to overcome about the same activation barrier as a cation jumping from the B-site to a B-site-vacancy.
Nevertheless, several studies on perovskite-type oxides such as (Ba,Sr)(Co,Fe)O 3Àd , 23 (La,Sr)(Ga,Mg)O 3Àd , 17 SrTiO 3 , 21, 41 and BaTiO 3 20,38 observed similar activation energies for A-and B-site cations. This raises questions about the exact mechanism relevant 11 Arrhenius-type plot of tracer diffusion coefficients of grain boundaries and grains. About three orders of magnitude faster grain boundary diffusion and similar activation energies for all cations, B4.1 eV for grain boundaries (gb) and B3.5 eV for grains (g), were observed. 
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for cation diffusion, as the simple picture of cation mobility governed by A-and B-site vacancy migration does not explain the experimental data. Simulations in perovskite oxide systems consistently found that the formation of vacancy pairs (Schottky disorder) is energetically more favorable (about 3-4.5 eV for LaMnO 3 , 42 LaFeO 3 , 43 and LaGaO 3 44 ) compared with cation Frenkel disorder (about 9 eV [42] [43] [44] ). This large difference practically rules out cation mobility via interstitial sites. The lowest activation energies of 3.9-4.3 eV for a cation vacancy migration in simulations on LaMnO 3 were found for A-site vacancies (La) in the (100) direction. 42 For the B-site jump the lowest activation energy is on a curved path along the (100) direction, which is activated with 7.7-9.9 eV. 42 One possible mechanism capable of explaining the similar activation energies would be A-site cations (Sr and La/Sm) migrating via the normal (100) path to an A-site-vacancy, while B-site cations (Co, Fe) migrate by first switching to an A-site vacancy, and from there to a B-site vacancy. 21, 41 Another mechanism would involve a defect complex including both an A-site vacancy and a B-site-vacancy 17, 42, 44 that is governing the mobility of both A-and B-site cations, and is therefore leading to the same activation energy for the diffusion coefficients of all cations. Despite oxygen vacancies are far more numerous than cation vacancies in LSC, their effect on the energy barriers and pathways of cation migration is sparsely investigated. One recent theoretical study on SrTiO 3 finds a reduction of the activation energy of the Sr vacancy migration by about 0.7 eV, when one or two oxygen vacancies are present in the vicinity. 45 Cation mobility in oxides with significant oxygen non-stoichiometry might therefore also be strongly affected by oxygen vacancies. A final conclusion about which migration mechanism is relevant for the diffusion investigated in this work is not possible. In this work we want to focus on the kinetics of the Sr enrichment and discuss a possible connection to the diffusion of cations. Several driving forces are discussed for the Sr segregation such as reactants at the surface from the gas phase 7, 55 or elastic and electrostatic contributions in the LSC lattice. 56 Assuming any driving force and leaving aside possible dependencies of driving force and kinetics, it seems to be possible that the rate of Sr enrichment is limited by the transport of Sr in LSC to the surface. In order to investigate the possible connection of cation diffusion and the segregation rate, kinetic information on the growth of Sr-rich surface phases is necessary. From ToF-SIMS measurements of the surface, we get first qualitative information of the process. Fig. 13 shows the secondary ion intensity of Sr, relative to its bulk value, in the near surface region of 200 nm LSC-HT films on (100) YSZ for different annealing times at 600 1C in air. It has to be noted that, due to SIMS-artifacts at the surface, no quantitative information on the amount or the diffusion lengths can be extracted from these measurements. ) at the surface. This would be equivalent to B1 nm of SrO or Sr(OH) 2 which are assumed to be the chemical states in which the surface Sr is present. 49 Connected with this change in composition at the surface was a one order of magnitude increase of the surface polarization resistance of LSC used as a SOFC cathode.
Changes in surface chemistry
To compare these kinetic results with the cation diffusion parameters of this work, the measured diffusion coefficients need to be transferred into an amount of Sr that is transported to the surface. First we calculate the diffusion lengths of Sr from the diffusion coefficients according to:
In Table 1 the lengths l diff for the Sr tracer diffusion coefficients from this study, extrapolated to 600 1C, are shown. In addition, values from a finite elements simulation considering both, grain and grain-boundaries for the LSC-HT (60 nm grain size) model are given. In these simulations the amount of Sr diffusing over a phase boundary into a phase with a constant concentration level of 0 (i.e. continuous formation of a new phase) was investigated. The amount of segregated Sr was calculated from the resulting profile and transferred back to an effective diffusion length with eqn (8) to give values comparable to the first two columns. However, several considerations need to be made prior to an interpretation of these data in terms of a possibly rate limiting diffusion. First, not diffusion lengths, but the amount of Sr (M Sr ) that is transferred from LSC to the surface and from there into the new phase is of interest. Those two parameters are related as shown for a semi-infinite medium and only one diffusion coefficient. To a good approximation the chemical diffusion coefficient is therefore given by the Sr vacancy diffusion coefficient. The difference to the tracer diffusion coefficient of Sr is that, even if there are vacancies necessary for diffusion, the coefficient is referred to the cations, not their vacancies. As the number of vacancies is typically very much smaller than that of ions, (cf. also the high cation vacancy formation energies of 3-4.5 eV discussed above) a difference of at least 2 orders of magnitude can be expected. That would cause the chemical diffusion coefficient to also be at least 2 orders of magnitude higher than the tracer diffusion coefficient. The tracer diffusion coefficient is even further smaller than the chemical diffusion coefficient, particularly since correlation effects which are present in tracer experiments need to be considered. For a perovskite lattice, a further increase of the chemical diffusion coefficient by a factor of 1/fc B 1. 45 (ref. 58) can be expected compared to the tracer diffusion coefficient.
Summarizing we can say that chemical diffusion lengths of Sr of B5 nm in LSC are already enough for a significant electrochemical degradation of LSC as SOFC cathode. Even though the cation defect concentration and thus the exact ratio between the chemical diffusion coefficient D chem and the tracer diffusion coefficient D* is not known in our case, D chem most probably exceeds D* by at least two orders of magnitude. Hence the tracer diffusion length that is sufficient to cause a chemical diffusion length of 5 nm is 0.5 nm or lower (eqn (7)). For combined grain and grain boundary diffusion such an effective diffusion length is achieved already after about 2 h at 600 1C.
According to these considerations it is extremely difficult to control Sr segregation by limiting the diffusion of Sr. Inhibiting Sr segregation of a complete Sr monolayer (requiring B0.9 nm diffusion length in LSC) over technologically interesting durations of several 10 000 hours, e.g. 30 000 h as in the . From extrapolation of the measured bulk tracer diffusion coefficients, it becomes clear that such low diffusion coefficients could only be reached at temperatures of about 460 1C or lower, even in the absence of fast grain boundary diffusion. Therefore, optimizing the microstructure and thus avoiding fast grain boundary diffusion is also not a promising approach. Moreover, working at the low temperatures (r460 1C) is not a successful strategy, as the polarization resistance of the oxygen reduction reaction on LSC is too high for reasonable SOFC cathode operation.
Therefore we can conclude that Sr diffusion in LSC is too fast for avoiding segregation to the surface within the limits set by its applicability as a SOFC cathode. It also means that diffusion of Sr in LSC is not rate limiting for the growth of Sr-rich surface phases and we suppose the same for similar perovskite oxides. A deeper knowledge of the driving forces and of the exact mechanism of cation segregation in perovskite oxides seems to be necessary to tailor materials properties and/or microstructures for optimal performance and stability in SOFCs.
Conclusions
Cation tracer diffusion was investigated in La 0.6 Sr 0.4 CoO 3Àd thin films prepared by PLD on single crystalline (100) YSZ substrates. By using high quality bi-and multilayered diffusion couples and ToF-SIMS, cation tracer depth profiles were measured Table 1 Tracer diffusion lengths according to eqn (7) for extrapolated values of the grain and grain boundary diffusion coefficients at 600 1C for the diffusion times shown in Fig. 13 before and after thermal annealing steps in air at comparatively low temperatures of 625-800 1C. The profile shapes as well as the grain size dependence of the profiles indicate that fast grain boundary diffusion strongly affects the measurements. A numerical analysis using finite element calculations allowed the extraction of cation diffusion coefficients for all cations and grains as well as grain boundaries. B-site Fe/Co interdiffusion showed the highest diffusion coefficients, followed by the A-site cations Sr and Sm/La. However, differences were surprisingly small and also similar activation energies of D were found for all cations, which strongly suggest a coupled migration mechanism for A-and B-site cations. Activation energies were slightly higher for grain boundary diffusion (B4.1 eV) than for grain diffusion (B3.5 eV) and grain boundary diffusion showed about 3 orders of magnitude larger diffusion coefficients. Moreover, the potential correlation between the diffusion of Sr and surface enrichment and segregation of Sr was investigated. Sr mobility was found to be by far high enough to explain significant surface segregation within short times even below 600 1C. Diffusion of Sr in LSC is thus indirectly shown to be not rate limiting for Sr segregation to the surface. Suppression of cation segregation to the surface at SOFC operation temperatures therefore requires further knowledge and control of the driving forces governing segregation.
